During the past 50 years Transmission Electron Microscopy (TEM) has evolved from an imaging tool to a quantitative method that approaches the ultimate goal of understanding the atomic structure of materials atom by atom in three dimensions both experimentally and theoretically. Today's TEM abilities are tested in the special case of a Ga terminated 30 degree partial dislocation in GaAs:Be where it is shown that a combination of highresolution phase contrast imaging, Scanning TEM, and local Electron Energy Loss Spectroscopy allows for a complete analysis of dislocation cores and associated stacking faults. We find that it is already possible to locate atom column positions with picometer precision in directly interpretable images of the projected crystal structure and that chemically different elements can already be identified together with their local electronic structure. In terms of theory, the experimental results can be quantitatively compared with ab initio electronic structure total energy calculations. By combining elasticity theory methods with atomic theory an equivalent crystal volume can be addressed. Therefore, it is already feasible to merge experiments and theory on a picometer length scale. While current experiments require the utilization of different, specialized instruments it is foreseeable that the rapid improvement of electron optical elements will soon generate a next generation of microscopes with the ability to image and analyze single atoms in one instrument with deep sub Ångstrom spatial resolution and an energy resolution better than 100 meV.
Introduction
Often, there is an intimate link between a physical method and an object that can be investigated because of the method invention. Transmission Electron Microscopy (TEM) and dislocations are linked in this manner ever since the first images of dislocations were recorded in electron microscopes 50 years ago [1] [2] [3] . The inner material's structure became accessible revealing dislocations that could be studied and very successfully related to materials properties. TEM continues to make unique contributions to dislocation research.
Certainly, progress was gradual and our knowledge about dislocations evolved as the methods improved. For example, a resolution of a few nanometers allowed for a determination of Burgers vectors [4] , the weak beam technique pushed TEM resolution towards one nm and revealed splitting of dislocations into partials [5] [6] [7] , High Resolution TEM allowed for imaging of dislocation cores with near atomic resolution (~ 0.2 nm) [8] , kinks on individual partial dislocations could be studied in a plane view configuration by imaging with forbidden reflections [9] , and Scanning TEM in combination with Electron Energy Loss Spectroscopy (EELS) accesses impurity segregation at dislocation cores and their local electronic structure [10] . Resolution in electron microscopy has reached by now sub Ångstrom values [11, 12] .
Nevertheless, it became also clear that even in pure materials such as Si, Ge, or GaAs individual dislocations exhibit significant deviations from average predictions. In the particular case of dislocations in semiconductors the large body of work by H. Alexander and coworkers pointed out the complexity of the problem [13, 14] that may relate to the interaction of dislocations with point defects [15] , contributions from core energies [16] , or the formation of point defects by moving dislocations [17] [18] [19] . As a result, quantitative TEM investigations of dislocations exhibit an unusual large data scatter [20] that is commonly of unknown origin. Therefore, it is desirable to characterize individual dislocations in terms of their geometry, core structure, chemical composition, and electronic structure with truly atomic resolution and to compare the results with state-of-the-art theoretical calculations.
It is timely to re-visit this long-standing problem since novel TEM abilities and progress with theoretical calculations raise hopes to finally merge theory and experiment. This contribution describes investigations that reach for this goal. Part of the described results was briefly reported in a recent letter [21] .
Instrumental improvements
A visual impression of the achieved improvements of TEM imaging at atomic resolution is given in Figure 1 that shows images of dislocation cores in gold [110] .
In the 1980's and 1990's lattice imaging with a resolution of about 0.18 nm was the most common imaging technique yielding atomic resolution, as shown left in Fig. 1 . This lattice image depicts intersecting partial dislocations that interacted to generate a stair rod dislocation and associated stacking faults. It is an interferogram of scattered beams andin general -image simulations are required to relate the recorded intensity pattern to the materials structure. Directly interpretable images with atomic resolution became available more recently by the reconstruction of the electron exit waves from focal series of lattice images [23, 24] (Fig. 1, center) or by recording HAADF-STEM images (Fig. 1, right) .
For example, it is readily recognized in Fig. 1 (center) that the recorded defect is a 1/6
[110] dislocation with a hollow core that is surrounded by a ring of 5 atomic columns, a structure that is not obvious from the single lattice image shown on the left. Single lattice images recorded in an 200 -300 kV field emission microscope through an objective lens with a finite spherical aberration coefficient exhibit even more complex intensity patterns than high voltage instruments because of rapid oscillations of their contrast transfer function [26] as shown by the simulated lattice image of a 90 0 partial dislocation in silicon on the left in Fig. 2 . Only a reconstruction of electron exit waves completely removes the image artifacts and uncovers the projected crystal structure. In fact, one can hope that even a single or double periodic core reconstruction [16, 25] can be identified (Fig. 2) . Further, the resolution in reconstructed exit wave images is given by the microscopes information limit, which can exceed the Scherzer point resolution by a factor of more than 2 [26] . Therefore, sub-Ångstrom resolution can be achieved [27, 28] and dislocation cores in <110> oriented semiconductors can be imaged with truly atomic resolution, which was not possible before since their dumbbell spacing in <110>
projection is often smaller (< 0.15 nm) than the typical 0.18 nm Scherzer point resolution of traditional phase contrast microscopes [27] . Moreover, residual lens aberration can be corrected by numerical phase plates in the exit wave reconstruction process [24] . This approach complements the successful correction of lens aberrations by hardware correctors [29] and for reasons outlined in References 22 and 30 it is most advantageous to combine both methods. This combined hardware/software approach was used to generate the center image of Fig If defects are imaged with sub-Ångstrom resolution they must reside in crystals that are thinner than 10 nm [27] . Consequently, only a few thousand atoms are in the proximity of the defect. By careful combination of elasticity theory methods with ab initio methods, a similar volume can be treated computationally. Therefore, it has become possible to merge theory and experiment considering identical numbers of atoms and to model electron transparent sample by state-of-the-art theory. Such an approach is beneficial to both sides: theory can be used to guide the experiments and the experiments can now be exploited to improve on theoretical considerations.
Computational abilities
In the framework of linear elasticity the line energy E of a dislocations can be described by a core term E c that is difficult to estimate but a significant contribution to the dislocation's total energy [16] . Within the isotropic limit an elastic contribution E e of an edge dislocation takes the form [33] (1) E = E c + E e = E c + μb
where b is the magnitude of the Burgers vector, ν is the Poisson ratio, μ is the shear modulus, R is a long range cutoff radius, and r c is the dislocations core radius. In the absence of computational schemes that would reliably determine core energies it was suggested to adjust r c such that the core energy contribution is minimal [33] . In this case, the magnitude of r c is typically b/3 through b/4 [16, 33] and -in Fig. 1 (center) for example -it is seen that it is comparable to the distance form the dislocation's geometrical core to the first cylinder of surrounding atom columns that form the 5 fold ring.
Therefore, one expects that the linear elasticity theory reproduces well the location of most atom column positions surrounding a dislocation core with the possible exception of the first shell(s). The arrangement of these core atoms, however, holds the key information about core energies. Indeed, Hÿtch et al. [34] Figure 3 it can be seen that a clear image of atom columns is restricted to a circular window of roughly 2 nm diameter.
Outside of this window column twist smears out the picture. This is the effect of Eshelby twist and the image series shows that it couples strongly to a moderate crystal tilt of only + 0.2 0 because the window moves rapidly across the field of view. Obviously this effect must be reproduced in every experiment that aims at imaging of screw dislocations.
Beyond local geometrical and compositional investigations of dislocation cores, it is of interest to understand their electronic band structure [37] . However, only recently it became possible to locally probe for low energy losses since monochromators became available [38] . Defect states in the room temperature band gap of GaN (3.3 eV) and InN (1.7 eV) were recently observed by low loss EELS [39, 40] with nm spatial resolution.
Currently signal to noise levels hamper the determination of a dislocation's electronic structure although such experiments have been attempted [41] .
Merging experiments with theory
A reconstructed phase image and a HAADF-STEM image of a 30 0 Ga terminated partial dislocation in GaAs:Be and the associated stacking faults are shown in Figure 4 . We take advantage of the large image contrast and small noise levels in reconstructed electron exit wave images to extract column positions. Similarly, we exploit the strength of STEM to simultaneously record an image while stepping a 0.1 nm probe across an area of interest to record EELS spectra [21] .
The information about column positions in the HREM image was processed to produce a histogram for the 0.14 nm Ga-As dumbbell spacing that is shown as an inset in Figure 4 .
From the repetitive measurements we find that the Ga-As dumbbell spacing can be reproduced with an error of only σ = 2 pm in the bulk of the crystal. Unexpectedly, this distance appears elongated by up to 12% if it is measured along the stacking fault. The same effect is present in the HAADF STEM image. It is less apparent there because of larger uncertainties that arise from the higher noise levels in unfiltered HAADF-STEM images ( Figure 1 ). On the other hand core loss EELS measurements uncover a possible reason for the projected bond length elongation since we detect higher Ga and Be spectrum signal at the stacking fault (Inset Figure 4) relative to the As and C reference signals that are reasonably constant. Careful investigation of the structure predicted by ab initio methods confirms that the EELS results may be due to double segregation of Ga As and Be Ga , although such effects are not intuitive [21] . [21] .
The noise levels in both images of Figure 4 prohibit an identification of As or Ga atoms from intensity measurements of one dumbbell. Existing intensity differences between the two maxima are simply overwhelmed by noise because of the element's similar atomic numbers (Z Ga = 31, Z As = 33). Therefore, we consider the change of dumbbell intensity ratios with crystal thickness, which is Z-dependent [26] . A comparison of this ratio with image simulations allows for a unique assignment of one element to one of the face centered cubic sub-lattices of the zincblende structure as shown in Figure 5 . The procedure reveals a Ga termination of the imaged dislocation core.
The ab initio calculated models provide input parameters for multislice calculations of lattice images that are subsequently reconstructed to produce phase images of the electron exit wave, which can be compared with the experiment. The phase images of Figure 5 show results of such simulations that are executed assuming a constant magnitude of azimuthal crystal tilt of 0.2 0 and rotating the tilt axes in the image plane in steps of 90 0 .
We find that the simulation labeled 320 0 /0.2 (in plane angle/out of plane angle) matches the experiment best and it is clear that Eshelby twist must be considered to reproduce the experiment. pm. Only close to the dislocation's core and along the stacking fault they reach at most 18 pm. This is not surprising since impurity segregation was observed. It is possible to determine the atomic column positions to better than 10 pm everywhere if experimentally guided correction are added to the atomic columns shown in Figure 6 b). Thereby, we
show that theory, simulations, and experiments can be merged to obtain residual discrepancies that are smaller than 10 pm over a 6.25 nm 2 large crystal area in a ~6 nm thick relaxed sample as symbolized in Figure 6 c).
Conclusions
In the past 50 years phase contrast electron microscopy has uniquely contributed to our understanding of materials properties. By now the method's resolution has broken the 0.1 nm barrier and it is possible to combine theory and experiment to accurately identify atomic column positions with better than 10 pm precision. The versatility of electron microscopy was broadened to include scanning electron microscopy and electron spectroscopy. Nevertheless, the zenith of these methodical developments has yet to come.
Figure 7
Left: Advanced electron optical elements will be integrated into a TITAN electron microscope [43] Currently, worldwide efforts are made to develop and include more advanced electron optical components into an electron microscope such as Cs correctors [29, 45] , monochromators [38] , and even Cc correctors [44] . Clearly, substantial technological challenges must still be met since the design and the stability of such instruments become increasingly demanding. The next instrument generation aims at an integration of STEM, TEM, and spectroscopy with 0.05 nm of spatial resolution and 100 meV of energy resolution [44] . Platforms of such instruments are currently being tested.
These developments are science driven and it is essential to understand the potential benefit. One obvious reason for such efforts can be deduced from the content of this paper: It is desirable to investigate one and the same object with all the described tools.
This aspect is addressed best by integration of all techniques into one column [46] .
Further, it is quite common to praise resolution achievements. However, it is uncertain at this point if a further resolution enhancement will enable new science [44] . Surely such arguments are honorable but not necessarily strong enough to justify the huge investments. In this respect it seems most important to highlight the achievements in terms of improved signal to noise ratios and detection limits: Electron microscopy strives for the detection of single atoms of most elements from the Periodic Table [47] .
Ultimately, this ability can remove the long-standing uncertainties that come from the projection of a three dimensional object into a two dimensional image. Accounting for every atom in three dimensions both theoretically and experimentally is a "holy grail" for materials sciences; if reached it offers numerous novel applications.
